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ABSTRACT: Incorporating mixed oxygen-ion-electron conducting (MIEC) cathode
materials is a promising strategy to make intermediate-temperature solid oxide fuel cells
(IT-SOFCs) viable; however, a lack of fundamental understanding of oxygen transport in
these materials limits their development. Density functional theory plus U (DFT+U)
calculations are used to investigate how the Sr concentration affects the processes that
govern oxygen ion transport in La1‑xSrxFeO3‑δ (LSF, x = 0, 0.25, and 0.50). Specifically, we
show that oxygen vacancies compensate holes introduced by Sr and that this compensation
facilitates oxygen vacancy formation in LSF. We also find that oxygen migration in LaFeO3 is
accompanied by electron transfer in the opposite direction. Our results explicitly identify and
clarify the role of electron-deficient substitutions in promoting oxygen diffusion in LSF. This
atomic level insight is important for enabling rational design of iron-based SOFC cathode
materials.
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■ INTRODUCTION

Building a sustainable energy future requires clean and efficient
technologies based on renewable fuels.1 Fuel cells promise to
produce electrical power cleanly and efficiently via electro-
chemistry; however, high overpotentials associated with the
oxygen reduction reaction (ORR) rate at the cathode currently
limit their widespread deployment. Mitigating these over-
potentials requires either expensive ORR catalysts (e.g., Pt) or
high operating temperatures. Solid oxide fuel cells (SOFCs,
which consist of solid state anode, cathode, electrolyte, and
interconnect materials) use high operating temperatures (Top >
800 °C)2 to overcome the ORR overpotential, thus permitting
power generation from a variety of fuel streams (e.g., H2, CH4,
and syngas).3−5 While high operating temperatures eschew the
need for precious metal catalysts, they detrimentally cause
premature aging of the SOFC.6 Decreasing the ORR
overpotential in SOFC devices should enable higher perform-
ance, lower operating temperatures, and longer lifetimes.
Recent work has focused on developing intermediate-temper-
ature SOFCs (IT-SOFCs) that operate between 600 and 800
°C.7 One class of IT-SOFC uses mixed oxygen-ion-electron
conducting (MIEC) cathode materials that increase the active
region of the cathode,8 thereby reducing the ORR over-
potential. Although all SOFC cathodes must conduct electrons,
MIEC cathodes improve upon traditional cathodes (e.g.,
La1‑xSrxMnO3) by allowing bulk oxygen transport. The success
of MIEC cathodes shows that bulk oxygen transport in the
cathode determines the viability of IT-SOFCs.

While some successful MIEC materials have been proposed
recently,9,10 La1‑xSrxCo1‑yFeyO3‑δ (LSCF), an ABO3 perovskite
material with substitutions in both the A- and B-sites, remains
the reference MIEC for SOFC cathodes. LSCF typically
contains comparable amounts of La and Sr and significantly
more Fe than Co (e.g., La0.6Sr0.4Co0.2Fe0.8O3‑δ).

11 At the limit
of no cobalt, one obtains the iron-only parent material,
La1‑xSrxFeO3‑δ (LSF). Fundamental insight into the electronic
structure and oxygen transport of LSF will in turn elucidate the
behavior of LSCF by isolating the role of A-site substitutions.
Because IT-SOFC applications require facile oxygen ion

transport, higher oxygen diffusion coefficients are desirable. In
LSF, oxygen diffusion occurs via a vacancy-mediated hopping
mechanism.12,13 The resulting self-diffusion coefficient (Do) has
the form

=D C Do v v (1)

where Cv is the concentration of oxygen vacancies and Dv is the
vacancy diffusion coefficient. Dv takes an Arrhenius form where
the activation enthalpy (ΔHmig) is the energy barrier for an
oxygen ion hopping into an unoccupied neighboring site. In
LSF, the oxygen vacancies do not interact.14 The free energy of
oxygen vacancy formation (ΔGf,vac) governs the vacancy
concentration. Therefore, the sum of ΔHf,vac and ΔHmig defines

Received: April 1, 2013
Revised: June 26, 2013

Article

pubs.acs.org/cm

© XXXX American Chemical Society A dx.doi.org/10.1021/cm401052w | Chem. Mater. XXXX, XXX, XXX−XXX

pubs.acs.org/cm


the apparent activation energy for the oxygen diffusion
coefficient where A is the preexponential factor which contains
the entropy of oxygen vacancy formation.

= − Δ +ΔD Ae H H k T
O

( )/f,vac mig B (2)

Oxygen diffusion measurements on LSF (for x = 0, 0.1, and
0.25) indicate that x does not significantly affect ΔHmig.

13

However, thermogravimetric analysis shows that increasing x
significantly raises the oxygen vacancy concentration.15

Adding Sr clearly improves oxygen transport in LSF, but a
conclusive explanation of the fundamental physics driving this
improvement remains absent. In addition to vacancy-mediated
oxygen transport, the defect chemistry and electrical con-
ductivity of LSF are intimately related. The host material,
LaFeO3, is a G-type antiferromagnetic insulator,16 although
lanthanum vacancies (VLa

/// in Kröger-Vink notation17) lead to
low p-type conductivity at ambient oxygen partial pressure.18

Furthermore, while similar ABO3 materials La1‑xSrxMnO3 and
La1‑xSrxCoO3 become metallic when x > 0.2, LSF remains an
antiferromagnetic semiconductor for x < 0.9.19,20 Substitutional
defects (SrLa

/), lanthanum vacancies (VLa
///), oxygen vacancies

(VO
••), and electrons/holes play important roles in the defect

chemistry of LSF.14 Large ionic radii suppress interstitial defects
within the perovskite structure.
Computational studies have already provided some micro-

scopic insight into defect chemistry and ionic transport in LSF.
Jones and Islam21 studied defect chemistry and ion migration in
LSF using classical potentials. However, conclusions drawn
from simulations using classical, empirically-based potentials
run the risk of depending strongly on the particular
parameterization of the potentials rather than representing
the true physics. By contrast, first-principles quantum
mechanics calculations based on density functional theory
(DFT) can offer unbiased insights by being free from system-
dependent parameters. Indeed, several electronic structure
descriptions of LaFeO3 have been provided using DFT.22−26

Unfortunately, these predictions may suffer from self-
interaction errors that cause DFT to fail for strongly correlated
materials (e.g., first row late transition metal oxides).27 To
mitigate these errors, the DFT+U method28 has been applied
to understanding the electronic structure29−31 and defect
chemistry25,26,32,33 of LaFeO3. However, these previous studies
did not consider either the Sr substitution or oxygen migration
in LaFeO3. While the perspective of Kuklja et al. discounts the
DFT+U method for complex oxide materials (e.g., LSCF),25 its
validity for LSF remains an open question.
Here we present an ab initio DFT+U34 analysis of the

electronic structure and oxygen vacancy formation process in
LSF (x = 0, 0.25, and 0.50) and oxygen migration in LaFeO3.
Our study clearly shows how electron-deficient A-site
substitutions enhance oxygen migration in LSF. This insight
is highly relevant to rationally designing iron-based SOFC
cathode materials. Since the migration barrier does not change
significantly with Sr content,13 we use LaFeO3 as a model for
investigating oxygen migration in LSF. Our study considers all
possible arrangements of La/Sr for a given composition within
a 40-atom supercell and considers larger (160-atom) cells
designed to reproduce the random distribution of La/Sr in LSF.
We show that DFT+U successfully models these materials and
that Sr substitution has a large effect on the oxygen vacancy
formation enthalpy, which in turn has a dramatic effect on ion
conductivity.

■ METHODS AND COMPUTATIONAL DETAILS
We employed three structural models to study LSF. First, an
orthorhombic unit cell of LaFeO3 (Figure 1a) corresponding to the

experimental structure was used to validate the DFT+U model.
Second, a pseudocubic 2 × 2 × 2 supercell of the simple perovskite
unit cell containing 40 atoms was used to calculate the free energy of
oxygen vacancy formation and the oxygen migration enthalpy.
Previous studies have used the 40-atom cell to study oxygen vacancies
in LaMO3 (M = Cr, Mn, Fe, Co, Ni) perovskite materials.32,33 We
constrained the lattice vectors of the second cell to remain cubic, but
internal ionic relaxations were allowed. This model successfully
captures the known cooperative tilting of the FeO6 octahedra (Figure
1b). To address the role of Sr substitution, we considered all unique
arrangements of La and Sr within the La sublattice (Figure 1c). We
study the G-type antiferromagnetic state of LSF which is consistent
with neutron diffraction experiments.35 For validation, we used a 160-
atom supercell of LSF to consider the effects of lower oxygen vacancy
concentrations on our predictions. We generated the 160-atom
supercell using the special quasirandom structures method (SQS) to
determine the La/Sr arrangement which best resembles the random
alloy.36 The cell was generated using the mcsqs code in version 3.0 of
the Alloy Theoretic Automatic Toolkit (ATAT)37−39 by first
enumerating all possible supercells of the LaFeO3 orthorhombic unit
cell (ensuring G-type antiferromagnetism in the resulting cells) for a
specified number of atoms. To minimize vacancy−vacancy inter-
actions, we screened for supercells which maximized the distance from
an oxygen atom to its periodic image. Finally, for the best candidate
cells, we used the mcsqs code to find the La/Sr arrangement which
best reproduced random mixing on the A-site sublattice for x = 0.25
and x = 0.50. Both compositions yielded supercells (Figure 1d) with
the same shape and matched the random alloy pair-correlation
functions to a cutoff of 8.8 Å. The vacancy−vacancy distances were
∼7.9 Å in the 40-atom pseudocubic cell and ∼11.25 Å in the SQS cells.
Calculations for other x values (e.g., x = 0.125) would require
significantly larger supercells and were not undertaken in this study.

Figure 1. a) The LaFeO3 orthorhombic unit cell used for method
validation, b) the pseudocubic cell used for modeling LSF, c) all
unique La/Sr arrangements for x = 0, 0.25, and 0.50, and d) 160 atom
supercells for x = 0, x = 0.25, and x = 0.50. Structures visualized with
VESTA.40
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The energy cost for oxygen vacancy formation determines the
nonstoichiometry of LSF. We compute this energy by comparing the
energy of the supercell with an oxygen vacancy (a neutral oxygen atom
is removed) to the same cell without an oxygen vacancy (referenced to
half the energy of a gas phase O2 molecule in its triplet ground state).
The vacancy concentrations are 1/24 (4.2%, δ = 0.125) and 1/96
(1.0%, δ = 0.03125) in the pseudocubic (40-atom) and SQS (160-
atom) supercells, respectively. These vacancy concentrations exceed
the experimental range when x = 0 (0.008−0.01%, T = 900−1200 °C)
but are reasonable for x = 0.25 and x = 0.50 (1% and 4%,
respectively).15 The simplest approximation of the vacancy formation
enthalpy uses only electronic energies and neglects thermal and
vibrational effects:

Δ = − +E E E E
1
2f,vac defective perfect O2 (3)

Approximating ΔHf,vac at absolute zero includes the zero point energy
(ZPE) contributions
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where h is Planck’s constant, the ν’s are vibrational frequencies
calculated within the harmonic oscillator (H.O.) approximation, and N
is the number of atoms in the perfect supercell. Approximating ΔHf,vac
at finite temperature involves integrating the heat capacities (Cp) from
absolute zero to the temperature of interest. Cp values for the solids
(the sums in eq 5) are calculated using the H.O. approximation for
vibrational contributions, while Cp for O2 also includes effects from the
rigid-rotor and ideal gas approximations for vibrational, rotational, and
translational contributions.41 Because the PV contributions to enthalpy
for solids should be negligible, we assume that the internal energy of
each solid is equivalent to its enthalpy, while the enthalpy of gas phase
O2 includes the PV term via its constant pressure heat capacity.
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Calculating the free energy of oxygen vacancy formation (ΔGf,vac)
requires the entropy (S) of the solids and O2 as a function of
temperature.

Δ = Δ − ΔG T H T T S T( ) ( ) ( )f,vac f,vac f,vac (6)

Δ = − +S T S T S T S T( ) ( ) ( )
1
2

( )f,vac vib,defective vib,perfect O2 (7)

Gryaznov et al. showed that including vibrational effects of the
solids can significantly impact oxygen vacancy formation free energies
in LSCF.42 We express the vibrational enthalpy and entropy as the
sum of contributions from harmonic oscillators with the Γ-point
phonon frequencies of the perfect and defective crystals.43 We
computed the vibrational frequencies for the entire 40-atom supercell
and found that all frequencies were real except for the three acoustic
modes which were essentially zero. Sampling the Brillouin zone (BZ)
beyond the Γ-point resulted in unphysical imaginary frequencies in
some regions of the BZ. We attribute this issue to approximating the
Hessian matrix using finite differences of forces and to the constraint
that the lattice vectors remain cubic. To avoid issues arising from these
unphysical imaginary frequencies, we only use the Γ-point phonon
frequencies in our calculations. For each composition, we compute the
vibrational effects using frequencies calculated in the pseudocubic cell
with the isotropic La/Sr arrangements only (rightmost distributions of
Sr shown in Figure 1c).

Electronic energies were obtained from spin-polarized Kohn−Sham
DFT44,45 and DFT+U28 calculations with periodic boundary
conditions using the Vienna Ab Initio Simulation Package
(VASP)46−48 version 5.2.2. The nuclei and core electrons were
represented within the frozen-core projector-augmented wave49

approach using standard potentials for Fe (4s23d6), La
(5s25p66s25d1), Sr (4s24p65s2), and ‘regular’ O (2s22p4) from the
VASP library, where the outer core/valence electrons shown in
parentheses are self-consistently optimized.50 Electron exchange and
correlation was evaluated within the generalized gradient approx-
imation (GGA) using the functional of Perdew, Burke, and Ernzerhof
(PBE),51 although we also performed validation calculations (vide
infra) with the local density approximation (LDA) and the more
expensive hybrid functional of Heyd, Scuseria, and Ernzerhof (HSE).52

Orthorhombic LaFeO3 calculations required a 4 × 4 × 3 Monkhorst-
Pack53 k-point mesh for convergence, while pseudocubic and SQS LSF
calculations required 4 × 4 × 4 and 3 × 3 × 3 Monkhorst-Pack k-point
meshes, respectively. The planewave basis set was converged at a
kinetic energy cutoff of 750 eV. Integration over the first BZ used
Gaussian smearing (σ = 0.05 eV) during structural relaxations. The
tetrahedron method with Blöchl corrections54 for BZ integration was
used after geometry optimization to obtain projected density of states
(PDOS), refined energies, and the final charge density for Bader
analysis.55,56 Total energies were converged to within 5 meV/formula
unit with these numerical settings. The Ueff parameter for Fe

3+ (4.3
eV) in the DFT+U calculations was derived from unrestricted
Hartree−Fock calculations on electrostatically embedded Fe2O3

Table 1. Experimental and Calculateda Lattice Constants (a, b, c), Axial and Equatorial Fe−O Bond Lengths (rz and rxy,
Respectively), Axial and Equatorial O−Fe−O Bond Angles (αz and αxy, Respectively), Bulk Modulus (B0), Eigenvalue Gap (Eg),
and Fe Magnetic Moment (μFe) for Orthorhombic LaFeO3

property expt LDA LDA+U GGA GGA+U HSEe

a/Å 5.553b 5.352 5.462 5.556 5.572 ----
b/Å 5.563b 5.273 5.472 5.653 5.627 ----
c/Å 7.862b 7.509 7.711 7.885 7.901 ----
rz/Å 2.009b 1.905 1.971 2.025 2.028 ----
rxy/Å 2.007b 1.903 1.976 2.046 2.035 ----

2.002b 1.901 1.961 2.024 2.024
αz/° 156.32b 160.21 155.99 153.54 153.80 ----
αxy/° 157.22b 161.89 157.01 153.72 154.69 ----
B0/GPa ----- 206 188 155 157 ----
Eg/eV 2.1c metal 2.31 0.75 2.53 3.63
μFe/μB 4.6 ± 0.2d 0.78−0.89 4.1 3.7 4.2 4.1

aAll DFT+U calculations were performed with an ab-initio-obtained Ueff = 4.3 eV. bReference 65 (room temperature). cReference 16 (optical gap).
dReference 35. eDFT-HSE single point calculation performed at the GGA+U geometry.
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clusters in earlier work.34 The transferability of this Ueff value was
recently validated by applying it in the study of the double-perovskite
MIEC material Sr2FeMoO6.

10,57,58 The energies of defective cells were
calculated at the lattice constants of the perfect cell. We used the
lattice vectors obtained at absolute zero because thermal expansion
results in only minor changes in the lattice vectors (∼1%) from low
temperature to SOFC temperatures.59 The nudged elastic band (NEB)
method60 was used to determine the minimum energy pathway for
oxygen migration. The transition state for oxygen migration in LaFeO3
was found using the climbing-image NEB (CI-NEB) method61,62 as
implemented in the VASP transition state theory tools from the
University of Texas.63,64

■ RESULTS AND DISCUSSION

Bulk Properties of LSF. We first determine the most
appropriate electronic structure method for treating LaFeO3
using the orthorhombic unit cell (Figure 1a). Table 1 compares
structural, electronic, and magnetic properties for antiferro-
magnetic LaFeO3 calculated with various DFT, DFT+U, and
hybrid DFT functionals. Notably, pure DFT-LDA incorrectly
predicts a metallic structure for LaFeO3, while pure DFT-GGA
predicts a gap for LaFeO3. However, pure DFT-GGA
significantly underestimates the gap and Fe magnetic moments.
These errors likely arise from electron self-interaction inherent
in pure density functionals that can be ameliorated with DFT
+U; indeed, LDA+U and GGA+U give more accurate gaps and
magnetic moments. For completeness, we tested the more
expensive HSE hybrid functional with a calculation at the GGA
+U geometry. The magnetic moment from the HSE calculation
agreed with the DFT+U calculation; however, HSE gave an
eigenvalue gap far in excess of the experimental optical gap.
From this, we conclude that DFT+U theory provides a
sufficient description of LaFeO3. Compared to LDA+U, GGA
+U results give better lattice vectors and Fe−O bond lengths,
all of which deviate from experiment by no more than 1.6%. On
this basis, we conclude that GGA+U calculations provide the
best model for LaFeO3, and we use this level of theory for the
rest of our calculations. Previously, Shein et al.31 reported a
bulk modulus of ∼198 GPa for LaFeO3 calculated with LDA+U
with Ueff = 5.4 eV chosen to reproduce the experimental band
gap and magnetic moment in LaFeO3.

30 Our LDA+U value of
188 GPa, calculated with the ab initio Ueff = 4.3 eV, agrees well
with their calculations, while our GGA+U value was 157 GPa.
We expect the actual bulk modulus lies between these values,
but, to the best of our knowledge, experimental measurements
are not available to confirm this expectation.
The structural behavior of LSF under increased Sr content

may appear counterintuitive. Sr2+ has a larger ionic radius (1.44
Å) than La3+ (1.36 Å),66 but when Sr2+ substitutes for La3+, the
unit cell volume actually decreases (Figure 2a). Shorter Fe−O
bonds accompany this decrease (Figure 2b), while Fe−O−Fe
bond angles increase toward 180° (Figure 2c). This trend
reproduces the experimental trends found in LSF,67 but the
underlying cause only becomes clear upon examination of the
electronic structure discussed next.
As alluded to earlier, Sr substitution introduces holes into the

lattice of LSF to maintain charge neutrality in the crystal. We
determine the nature of the hole states that form upon Sr-
substitution in LSF by analyzing its electronic structure, as
represented by its PDOS (Figure 3). In LaFeO3, a clear gap is
visible above the Fermi level (Figure 3a). The valence band
maximum consists of strongly mixed Fe 3d and O 2p states in
the majority channel and mostly O 2p states in the minority
channel, consistent with nearly-closed-shell oxygen anions.

Figure 2. Structural parameters for the pseudocubic cell from GGA+U
calculations: a) cell volume (Å3), b) Fe−O bond length (Å), and c)
Fe−O−Fe bond angle (°) as a function of strontium content.

Figure 3. GGA+U PDOS for Fe 3d (black) and O 2p (red) states in
LSF. a) x = 0, b) x = 0.25, and c) x = 0.50 in the pseudocubic (40-
atom) cell. Positive values represent majority spin states while negative
values represent minority spin states.
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Minority Fe 3d states dominate the conduction band minimum.
Thus, we find that LaFeO3 is a ligand-to-metal charge transfer
insulator where optical excitations involve transitions from
occupied minority O 2p states to unoccupied minority Fe 3d
states. Our observation agrees with optical reflectance16 and
soft X-ray absorption68 experiments, lending credence to the
use of GGA+U to understand LSF’s electronic structure. For x
= 0.25 (Figure 3b) and x = 0.50 (Figure 3c), the hole states
introduced by Sr substitution appear just above the Fermi level.
While the valence band now crosses the Fermi level, the gap
remains clear. Thus, the GGA+U method correctly predicts p-
type semiconductivity for these compositions. Furthermore, the
PDOS indicate the hole states have mixed Fe 3d and O 2p
character and hence are at least somewhat delocalized (vide
inf ra), in contrast to the assumption of hopping type, localized
carriers that was employed in analyzing the conductivity and
Seebeck coefficients of LSF.14

Besides affecting the DOS, Sr substitution also affects the
magnetic moment and charge on each atom (Table 2).
Increasing Sr-content decreases magnetic moments of a
corresponding number of Fe ions; holes therefore appear to
affect the Fe sublattice. However, with increasing Sr content,
the Fe and La Bader charges55 remain essentially unchanged.
The Bader charge on O becomes less negative by only 0.04
electrons per O atom for each 0.25 increase in Sr mole fraction.
Surprisingly, this small difference, when distributed over the
entire oxygen sublattice, accounts for nearly all of the electrons
lost due to holes arising from Sr substitution, indicating hole
delocalization on the oxygen sublattice. Moreover, the fact that
the charge on Fe does not change but the Fe magnetic

moments are reduced indicates increased Fe−O bond
covalency upon Sr substitution rather than hole localization
on Fe as had been suggested previously.14,69,70 Our results
agree with the 2005 study of Patrakeev, et al., which found no
activation energy for carrier mobility in LSF (x ≤ 0.5)
indicating band-like semiconducting behavior.71

Oxygen Vacancy Formation in LSF. Now we describe
fundamental characteristics of oxygen vacancy formation in
LSF. Each La/Sr arrangement shown in Figure 1c has several
potential oxygen vacancy sites. Two Fe ions and four La/Sr
ions coordinate each oxygen atom in LSF. We calculated
vacancy formation energies for removing an oxygen ion in each
La/Sr environment present for each unit cell shown in Figure
1c, leading to one, seven, and fifteen unique oxygen vacancy
calculations for x = 0, x = 0.25, and x = 0.50, respectively.
Vacancy formation energies (Table 3) are calculated using eqs
3−7. The vibrational effects significantly impact the free energy
of oxygen vacancy formation, but they do not alter the general
trends. Therefore, we use the oxygen vacancy formation
enthalpy at 700 °C (eq 4) for qualitative analysis and direct
comparison to the experimentally-derived enthalpy. From x = 0
to x = 0.25, our results show a steep decline in oxygen vacancy
formation energy, which agrees with experimental measure-
ments (T = 600−1200 °C) in this range (Figure 4).15 Since our
GGA+U results slightly overestimate the equilibrium lattice
constants (compared to experiment), our calculation already
accounts for the small (∼1%) elongation of the lattice vectors
due to thermal expansion.59 From x = 0.25 to x = 0.5, the
oxygen vacancy formation enthalpy decreases in the pseudo-
cubic cell, while the remaining SQS cells and experiment show

Table 2. Magnetic Moments (μB) and Bader Charges (e) for LSF with x = 0, x = 0.25, and x = 0.50 with and without an Oxygen
Vacancy (VO

••) in the Pseudocubic (40-Atom) Cella,b,c

x = 0 x = 0.25d x = 0.50d

without VO
•• with VO

•• without VO
•• with VO

•• without VO
•• with VO

••

μFe 4.16 4.17 ± 0.01 4.07 ± 0.12 4.16 4.11 ± 0.03 (×4)e 4.16 ± 0.01
3.73 ± 0.09 (×4)e

μFe* ---- 3.59 ---- 4.08 ---- 3.46
qFe 1.70 1.69 ± 0.01 1.70 1.70 1.70 1.68 ± 0.03
qFe* ---- 1.25 ---- 1.60 ---- 1.62
qLa 2.08 2.06 ± 0.02 2.09 2.07 ± 0.01 2.10 2.08
qSr ---- ---- 1.59 1.58 ± 0.01 1.59 1.58
qO −1.26 −1.27 ± 0.01 −1.22 ± 0.01 −1.26 ± 0.01 −1.18 ± 0.03 −1.22 ± 0.04

aUncertainties give the range of calculated values (for different defect configurations) relative to the calculated mean. bFe* indicates the iron ions
adjacent to the oxygen vacancy. cVO

•• (in Kröger-Vink notation) denotes an oxygen vacancy where a neutral oxygen atom has been removed.
dValues are reported for the isotropic La/Sr distributions when x = 0.25 and x = 0.50 (rightmost distributions in Figure 1c). e‘×4’ indicates four Fe
ions (out of eight) within the supercell have this magnetic moment

Table 3. Average GGA+U Oxygen Vacancy Formation Energies (in eV) for LSF with x = 0, 0.25, and 0.50 in the Pseudocubic
(40-Atom) and SQS (160-Atom) Supercellsa

x ΔEf,vac ΔHf,vac(0) ΔHf,vac(700 °C) ΔGf,vac(700 °C)

Pseudocubic Cell (40 Atoms)a

0 4.05 4.01 3.99 3.04
0.25 0.71 ± 0.17 0.82 ± 0.17 0.69 ± 0.17 0.14 ± 0.17
0.50 0.02 ± 0.28 0.09 ± 0.28 −0.01 ± 0.28 −0.67 ± 0.28

SQS Cell (160 Atoms)b

0.0 4.06 4.02 4.00 3.06
0.25 0.14 0.25 0.12 −0.44
0.50 0.31 0.38 0.28 −0.39

aUncertainties give the range of calculated values (for different defect configurations) relative to the calculated mean. bVibrational contributions are
assumed to be the same as those found in the pseudocubic cell.
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relatively constant values in this range. Below, we discuss why
the pseudocubic and SQS models differ.
Adding Sr initially causes a large drop in ΔHf,vac leading to

improved bulk oxygen transport. Bader charges and magnetic
moments in LSF with and without an oxygen vacancy (Table
2) help explain this decrease. When x = 0, creating an oxygen
vacancy leads to reduced magnetic moments and Bader charges
on the two Fe ions adjacent to the vacancy. These results show
that the two electrons from the oxygen vacancy reduce the
adjacent Fe ions (from Fe3+ to Fe2+) by localizing in their d
manifold. Reducing high spin Fe3+ to Fe2+ requires that the
added electron occupy a minority spin d orbital. As no other
minority spin d electrons are present on the Fe ion, no gain in
d-d exchange energy exists to offset the additional Coulomb
repulsion associated with adding another electron to the d
manifold, giving rise to the high vacancy formation energy.33

The presence of Sr significantly alters oxygen vacancy
formation. Little electron density localizes on the Fe sites
adjacent to the vacancy in x = 0.25; instead, the average charge
on the oxygen ions becomes more negative, indicating that
creating the vacancy provides electrons which disperse across
the oxygen sublattice. As discussed earlier, the holes introduced
by Sr substitution withdraw charge from the oxygen sublattice.
Creating a vacancy generates electrons, and these electrons
compensate the holes arising from Sr substitution. The Fe ion
remains in the favorable +3 oxidation state that has a half-filled
d-shell, thereby maximizing the d-d exchange stabilization with
no additional Coulomb repulsion as suffered in LaFeO3 vacancy
formation. The electronegative oxygen ions regain the charge
they lost when Sr substituted for La. Similar to the x = 0.25
LSF, the oxygen vacancies in x = 0.50 LSF provide electrons
which compensate some of the holes residing on the oxygen

sublattice. The process of creating an oxygen vacancy is
essentially the same in x = 0.25 and x = 0.50, involving
favorable charge compensation and no added Coulomb
repulsion on Fe ions, which leads to very low oxygen vacancy
formation energies. Our results for La0.5Sr0.5FeO3 differ
significantly from the DFT-GGA results of Mastrikov et al.26

who found that vacancy formation leads to charge localization
on the Fe ions adjacent to the vacancy (as we found for
LaFeO3). This difference leads to a large disagreement between
the computed oxygen vacancy formation enthalpies (0.28 eV in
this work vs 3.39−3.60 eV from ref 26). Our results show far
greater agreement with experiment than the DFT-GGA results.
Our improved agreement with experiment likely arises from
using computational methods that more accurately represent
the La1‑xSrxFeO3 family of materials (specif ically, using GGA+U
method, treating the antiferromagnetic order appropriately, and
using the ‘regular’ instead of ‘sof t’ PAW potential for oxygen).
Recall that our pseudocubic model predicts a decrease in

ΔHf,vac from x = 0.25 to x = 0.50 (Figure 4) which differs from
experiment. In the previous paragraph, we showed that charge
compensation occurs in both cases and facilitates oxygen
vacancy formation. However, the ratio of vacancies to holes
(VO

··/SrLa
/) differs in each case. Specifically, when x = 0.25,

VO
··/SrLa

/ = 0.5 in the pseudocubic model, which is the limit for
charge compensation (two holes compensating one vacancy).
When x = 0.50, additional uncompensated holes are present in
the pseudocubic supercell so VO

··/SrLa
/ is less than 0.5.

Increasing the size of our supercell model lowers the oxygen
vacancy formation energy for x = 0.25 while leaving x = 0.0 and
x = 0.50 basically untouched because the x = 0.25 calculation
no longer occurs at the charge compensation limit. Thus, the
ΔHf,vac values for x = 0.25 and x = 0.50 are similar. The narrow
scatter in our 40-atom oxygen vacancy formation enthalpies
(obtained for various local environments and for different La/
Sr arrangements) indicates that the multiple minimum problem
sometimes encountered for DFT+U72 is not a likely source of
error in our calculations. This does not explain why our ΔHf,vac
values at 700 °C in the 160-atom SQS cell are 1.1, 0.88, and
0.72 eV below the experimental values, for x = 0.00, x = 0.25,
and x = 0.50, respectively. We attribute this difference primarily
to the known overbinding of O2 by DFT-GGA, which would
shift our values upward by at least 0.42 eV (half of the
difference between the bond dissociation energy, D0, calculated
with DFT-GGA and determined experimentally), in better
agreement with experiment. While we have used ΔHf,vac in our
preceding discussion, a plot of ΔGf,vac as a function of
temperature for each composition is included for reference in
the Supporting Information.

Oxygen Migration in LSF. Oxygen migration will lead to
long-range diffusion once a significant concentration of oxygen
vacancies exists in LSF. Since experimental evidence indicates
that the energy barrier does not depend strongly on Sr
content,13 we use x = 0 (LaFeO3) to model oxygen migration
in LSF. Admittedly, the independence of the migration barrier
with respect to Sr content is at best a loose relationship since
significantly higher migration barriers were measured for
La0.6Sr0.4FeO3 (1.58−2.21 eV depending on PO2

)73 and
(La0.6Sr0.4)0.99FeO3 (1.34 eV).74 LaFeO3 remains suitable for
delving into the migration process; however, it represents only
an approximation to the migration barrier for other Sr
compositions. We confirm the curved migration pathway
(Figure 5a) previously predicted by Jones and Islam using

Figure 4. GGA+U vacancy formation enthalpy at 700 °C in LSF as a
function of Sr content. Experimental results from ref 15, DFT-GGA
results from ref 26, average 40-atom results (gray line), all 40-atom
results (gray circles), and 160-atom results (red line and squares).
Even better agreement between our computed oxygen vacancy
formation enthalpies and experimental values would be obtained
with a correction for the known overbinding of the O2 molecule by
DFT-GGA (vide inf ra). The small scatter in our 40-atom results
indicates that the local chemical environment has a minimal effect on
the oxygen vacancy formation enthalpy. [a]Experimental results from
ref 15 are the reported reaction enthalpies determined over the range
of 600 °C-1200 °C for 2Fe3+ + O2‑ → 2Fe2+ + VO

·· + 1/2O2 (x = 0)
and 2Fe4+ + O2‑ → 2Fe3+ + VO

·· + 1/2O2 (x = 0.25, 0.50) in LSF.
Because they are determined from a fit using the van’t Hoff equation,
the experimental values are temperature-independent. Experimental
uncertainties represent 2σ. [b]DFT-GGA results from Mastrikov et al.
(ref 26) obtained using the 40-atom pseudocubic supercell with
ferromagnetic ordering.
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classical potentials.21 Our calculated oxygen migration barrier
(ΔHmig with x = 0) is 0.79 eV (Figure 5b), agreeing nearly
perfectly with the measured migration barrier of 0.77 eV
obtained from oxygen tracer diffusion measurements13 while
falling below the value of 1.10 eV obtained from conductivity
relaxation experiments.75 Our study attempts to model the self-
diffusion coefficient (DO) for LaFeO3 which most closely
resembles the tracer diffusion coefficient (DO*) and is further
from the chemical diffusion (Dchem) coefficient obtained from
conductivity relaxation experiments. Therefore, our calculated
migration barrier is in good agreement with experiment when
compared against the experimental results of greatest similarity.
Our results agree well with Mastrikov et al.’s reported migration
barrier of 0.75 eV;26 however, their DFT-GGA analysis utilized
ferromagnetic LaFeO3 and the less-accurate ‘soft’ oxygen PAW
potential available in VASP. The similarity in the computed
barriers, in spite of several methodological differences indicates
that steric/electrostatic effects play a dominant role in
determining the migration barrier. While ref 26 indicates
negligible charge transfer from the migrating oxygen ion to the
Fe ion at the center of the migration pathway, we find a
different charge transfer accompanies oxygen diffusion in
LaFeO3. As mentioned earlier, oxygen migration involves
hopping from an occupied site into an adjacent vacant site.
These sites are each coordinated to two Fe ions, and one of
these Fe ions is adjacent to both the initial and final sites. The
magnetic moment of the Fe ion proximal to the migration (FeA,
which is coordinated to the vacancy in both the initial and final
states) remains low (relative to the bulk μFe) throughout the
migration process. The two other Fe ions are coordinated to
the vacant site in the initial state (FeB) or the final state (FeC).
Before migration, FeA and FeB have lower magnetic moments
arising from the adjacent oxygen vacancy, while FeC shows a
bulk-like magnetic moment. After migration, FeA and FeC have
lower magnetic moments, while FeB now has a bulklike
magnetic moment. During migration, there is an abrupt switch
in the magnetic moments of FeB and FeC corresponding to an
electron transferring from FeB to FeC. An ionic picture explains
the origin of this electron transfer. The vacancy lies between
FeA and FeB in the initial state and FeA and FeC in the final
state. In each state, the ions adjacent to the vacancy are in the
+2 oxidation state. Thus, FeA remains Fe2+ throughout the
migration process. FeB starts as Fe2+ and becomes Fe3+, while
FeC undergoes the reverse transformation. Since the total
number of electrons in the cell remains unchanged, an electron
must transfer from FeB to FeC during the migration process.

The potential energy surface along the migration pathway is
slightly asymmetric because the electron transfer happens after
the transition state. This means that the transition state more
closely resembles the ξ = 0.25 image, while the ξ = 0.75 image
has a different magnetic structure. Since the ξ = 0.75 image is
linked to the transition state by a spring, it is pulled to a higher
energy on account of the abrupt magnetic transition that
occurs. While this explanation holds when x = 0, the physics of
oxygen vacancy formation changes in the presence of Sr. As
discussed previously, the electrons arising from creating the
oxygen vacancy delocalize on the O sublattice when x > 0.
Therefore, this coupled electron-ion motion in opposite
directions should disappear with the addition of Sr. Breaking
this coupling should have a minimal effect on the oxygen
migration barrier, which is controlled by the movement of ions,
not electrons.

■ CONCLUSIONS

We have presented a detailed first-principles quantum
mechanics analysis showing how Sr substitution influences
oxygen transport in LSF that provides a deeper understanding
of oxygen transport in LSF cathodes. Specifically, we clarify the
fundamental role of A-site dopants in promoting oxygen
vacancy formation and therefore oxide ion transport in IT-
SOFCs with MIEC cathodes. After showing the DFT+U
method’s capability of successfully modeling LSF, we
demonstrated that the holes introduced by Sr substitution
have mainly O 2p character. A key finding is that oxygen
vacancy formation in LaFeO3 involves reducing the Fe ions
adjacent to the vacant site. This reduction is unfavorable and
therefore ΔHf,vac is large in LaFeO3. With Sr present, the
electrons left behind when a vacancy forms compensate for the
holes introduced by Sr. The resulting ΔHf,vac is significantly
lower than that in LaFeO3, resulting in more oxygen vacancies
and easier oxygen transport. We showed that oxygen diffusion
in LaFeO3 is also intrinsically coupled to an electron transfer
but the electronic structure of LSF suggests that this coupling
will disappear for ion transport in LSF. GGA+U calculations
indicate significant increases in oxygen diffusivity will occur
with increasing Sr concentration because of the corresponding
increase in oxygen vacancies.
This refined illustration provided by the DFT+U method

shows how the interplay between electron-deficient substitu-
tions, iron ions, and the oxygen sublattice can improve oxygen
transport in LSF. As found in Sr2FeMoO6 based materi-
als,10,57,58 the electrons from an oxygen vacancy in LSF (x > 0)

Figure 5. (a) Minimum energy pathway for oxygen migration in LaFeO3, (b) energy, and (c) Fe magnetic moments along the minimum energy
pathway at the GGA+U level of theory.
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distribute over the oxygen sublattice which produces very
favorable oxygen vacancy formation enthalpies. This insight has
wide potential application to iron-based SOFC cathode
materials, but this should still be confirmed by experiment.
Further theoretical studies will address how substitutions in the
transition metal site (B-site doping) can further improve
oxygen transport in LSF-based SOFC cathodes.
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